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An assessment of fracture origins is conducted in yttria-stabilized zirconia ceramics
containing different grain sizes. As the microstructure coarsens due to the application of
heat treatments, fracture origins change from single pores to transformed regions at the
free surface which are induced by the applied stress. The observation of an increasing size
of failure origins with microstructural coarsening lies as the underlying reason for the
finding that specimens containing coarser microstructures and a more pronounced R-curve
behavior do not fail at larger stresses. A fracture model is used to link the strength
variability of a fully tetragonal zirconia containing a small grain size to its pore size
distribution. The increased transformability of zirconia ceramics with coarser tetragonal
grains is evaluated by means of quantitative phase analysis, characterizations of fracture
surface morphology, and R-curve assessments. It is confirmed that tetragonal grains of up
to 4 µm may not necessarily undergo a spontaneous t–m transformation upon cooling
from sintering. C© 2001 Kluwer Academic Publishers

1. Introduction
The understanding of the fracture behavior of ceramic
materials has been the focus of intensive research for
more than 30 years. Fracture assessments in ceramics
are usually conducted considering either their strength
variability via Weibull statistics or their R-curve be-
havior. While the former is usually regarded as an ap-
proach to structural design with brittle materials, the
R-curve allows to develop a fundamental comprehen-
sion of fracture micromechanisms.

The R-curve provides a tool for the evaluation of
the crack growth resistance of ceramics using concepts
from fracture mechanics. This curve is presented as a
plot of the applied stress intensity factor in terms of
crack growth. A rising R-curve behavior is indicative
of the development of toughening mechanisms, such
as the tetragonal-to-monoclinic (t–m) phase transfor-
mation in zirconia and crack-bridging, which “shield”
the crack tip from the applied loads [1]. Thus, in the
case of monolithic zirconia ceramics, a rising R-curve
can be promoted by increasing the transformability of
small tetragonal particles. This can be achieved, for ex-
ample, by coarsening the grain size of the material by
recourse to suitable heat treatments.

A direct result of a rising R-curve behavior is the at-
tainment of stable crack growth over a range of the ap-
plied stress intensity factor for which unstable fracture
would have been triggered in the absence of toughening
mechanisms. Accordingly, a rising R-curve behavior
would be anticipated to induce an increase in fracture
strength. However, such concomitant increase of the
crack growth resistance and fracture strength is seldom

confirmed by experimental measurements in ceramic
materials. In this sense, a general trend found in brittle
materials is that the fracture strength under monotonic
loads increases as the grain size decreases [2]. For ex-
ample, yttria-stabilized tetragonal zirconia polycrystals
(Y-TZP) whose grain size lies in the submicron range
fails at ∼1000 MPa, while magnesia partially-stabilized
zirconias (Mg-PSZ) whose grain size is in the 50-µm
range fail at ∼500 MPa. The general explanation ac-
counting for these observations is that ceramics with
small grain sizes contain smaller flaws than materials
with large grain sizes. An interesting aspect in the above
comparison is that the fracture strength of Mg-PSZs is
much lower than that of Y-TZPs even when the former
possess a larger crack growth resistance [3, 4].

The present work was conducted with the general
objective of assessing the interplay between fracture
strength, R-curve behavior and failure origins in yttria-
stabilized zirconia ceramics. The systematic evaluation
of fracture strength variability and failure origins in
Y-TZP materials with different grain sizes (resulting
from the application of a heat treatment) is expected
to shed light into the underlying reasons why ceramic
materials which display a more pronounced R-curve
behavior have the tendency to fail at lower stresses. A
quantification of the influence of flaw population and
R-curve on the fracture strength variability in a fine
grained Y-TZP is also attempted in this work. Such ra-
tionalization is important in bridging the gap between
statistical concepts used in structural design with ce-
ramics and more fundamental issues involving their
crack growth (R-curve) behavior.
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An evaluation of the increased transformability of
Y-TZP as the grain size coarsens is also conducted in
this work by means of crack growth assessments and
in-depth microstructural characterizations. Such eval-
uations are significant in light of recent investigations
where the heat treatment of a Y-TZP at elevated tem-
peratures was found to produce tetragonal grains with
a size of up to 5 µm which do not transform sponta-
neously to the stable monoclinic structure upon cool-
ing to room temperature [5]. This observation is po-
tentially relevant as it may lead to the processing of
zirconias with an enhanced capacity for undergoing a
stress-assisted t–m transformation, with the consequent
increase in crack growth resistance.

2. Materials and experimental results
2.1. Materials
The starting material was a fully tetragonal 2.5 mol%
Y-TZP containing 1 mol% HfO2. This material had a
grain size of ∼0.3 µm, Fig. 1a. Such fully tetragonal
structure results from sintering within the tetragonal
field of the ZrO2–Y2O3 phase diagram. Further heat
treatment at 1650◦C for 2 and 10 hours places the ma-
terial within the tetragonal + cubic field of the phase

T ABL E I Microstructructual features

Volume Volume fraction Volume fraction of
fraction of of tetragonal monoclinic phase at Grain size§, d

Material cubic grains phase fracture surface (µm)

Y-TZP (as-sintered) 0 1.00 0.05 ± 0.03 0.3
Y-TZP/PSZ (heat-treated for 2 hours) 0.23 ± 0.03 0.77 0.32 ± 0.06 1.4
Y-TZP/PSZ (heat-treated for 10 hours) 0.37 ± 004 0.63 0.39 ± 0.04 2.3

§For tetragonal grains.

(a)

Figure 1 Microstructure of the materials. (a) as-sintered state, (b) heat-treated for 2 hours, (c) heat-treated for 10 hours. Note the increase in the size
of the tetragonal (t) grains as heat-treating time increases. (Continued.)

diagram, inducing the nucleation of large cubic grains
of ∼5 µm and coarsening of the small tetragonal grains
in a similar manner as described in Ref. [5] (Fig. 1b
and c). The heat treatment of the material for 2 hours
at 1650◦C coarsens the mean tetragonal grain size to
∼1.4 µm, whereas an increase in heat-treating time
to 10 hours induces the coarsening of such grains to
a mean size of ∼2.3 µm (see Table I). As large cu-
bic grains were also induced upon heat treatment at
1650◦C, the resulting materials had a combined Y-
TZP/PSZ character. (According to the nomenclature
commonly used when referring to zirconia ceramics,
partially stabilized zirconias (PSZ) contain large cubic
grains whereas TZP materials are formed exclusively
by small tetragonal particles. PSZ microstructures also
contain tetragonal precipitates within the cubic grains.
As noted in the foregoing discussion, such small precip-
itates were also detected in the heat-treated Y-TZP/PSZ
materials.) The residual porosity content in all materials
was ∼2%.

X-ray diffraction and Raman microprobe spec-
troscopy were used to perform a quantitative analy-
sis of the phases present in flat surfaces of the as-
sintered and heat-treated materials when polished to
a 0.3–µm finish. These techniques were also applied
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(b)

(c)

Figure 1 (Continued.)

to the fracture surfaces of all materials. The fraction of
tetragonal, monoclinic and cubic phases were measured
using X-ray diffraction where Cu Kα radiation with
wavelength, λ, = 0.1548 nm was used (see Ref. [6] for
details). An important feature of Raman spectroscopy
was its capability of evaluating phase contents within
a small region of the sample [7]. Such measurements
were conducted with a HeNe laser with λ = 633 nm.
The fraction of cubic and tetragonal phases present in
the materials is reported in Table I, along with the mon-
oclinic fraction detected at the fracture surfaces which
is the consequence of the stress-assisted t–m transfor-
mation.

The increased capacity of the studied materials
to experience t–m transformation as the tetragonal

grain size coarsens is evident from Table I. This ta-
ble shows that the monoclinic phase at fracture sur-
faces increases gradually from ∼5% in the as-sintered
Y-TZP to ∼40% for the heat-treated Y-TZP/PSZs. It
is noted that even when the size of individual tetrago-
nal grains increased to ∼3.7 µm upon heat treatment,
spontaneous transformation to the monoclinic (stable)
structure upon cooling did not occur. This confirms
the results in Ref. [5] which show that the critical
tetragonal grain size for spontaneous transformation at
room temperature in Y-TZP may be much larger than
1 µm.

Raman spectroscopy showed that in the Y-TZP/
PSZs, most of the tetragonal grains around indentation-
induced cracks (see Fig. 2) underwent a stress assisted
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Figure 2 Surface profile of an indentation induced crack in a heat-treated material. Arrow shows the transgranular fracture at cubic grains.

Figure 3 Rumpling at a cubic grain induced by small tetragonal
precipitates.

t–m transformation. An interesting result, as evidenced
by transmission electron microscopy (TEM), was that
the cubic grains in Y-TZP/PSZ materials contained
tetragonal precipitates of a very small size (Fig. 3).
However, Raman spectroscopy around the indentation
cracks showed that the tetragonal precipitates within
cubic grains did not experience t–m transformation,
probably as a result of their minute size which tends
to stabilize the tetragonal structure. Thus, the increased

capacity of the heat-treated materials to undergo trans-
formation toughening mechanisms is due only to the
t–m transformation of the tetragonal grains and not of
the tetragonal precipitates dispersed within the cubic
grains.

2.2. R-curve assessments
The R-curve of the materials was evaluated using
semielliptical surface cracks which were loaded under
four-point bending. The precracking procedure used
as well as the R-curve results are described in this
section. First, Vickers indentations were placed in the
prospective side of square bars to be subjected to tensile
stresses. The resulting indentation cracks were aligned
parallel to the thickness of the specimens. In all mate-
rials the cracks had a radial geometry as described in
Refs. [8, 9]. In accord with the findings in Ref [10],
heat treatment at 1100◦C for 1 hour of the as-sintered
material induced the growth of indentation cracks so
that their geometry evolved from a radial to a half-
penny configuration. Microstructural changes were not
induced by such heat treatment. Upon heat treatment
of the the specimens at 1100◦C, the indented surface
was ground to remove the inelastic zone (ligament) un-
derneath the indent as such ligament is known to affect
crack growth under external loads (see Ref. [10]). It is
noted that the application of the above procedure led
to surface cracks which are free of any indentation pre-
cracking effects.

In the case of the Y-TZP/PSZ materials, the result-
ing indentation cracks were shallower than in the as-
sintered Y-TZP. Thus, surface grinding led to the re-
moval of both the ligament underneath the imprint as
well as the cracks. For this reason, Y-TZP/PSZ speci-
mens were tilted by ∼3–5◦ out of the plane normal to
the indentation loading axis so that preferential growth
of the cracks in one direction was promoted during
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indentation precracking [11]. The application of this
technique induced cracks with different lengths in op-
posite corners of the imprint. Care was exercised to
align the larger crack along the thickness of the spec-
imen. Subsequently, surface grinding was carried out
to fully remove the shorter cracks and the constraining
ligament while a single crack suitable for loading under
pure mode I was left at the surface.

All specimens were heat-treated at 1200◦C for
10 minutes prior to testing under four-point bending.
This fully reverted the t–m transformation around the
cracks which was induced by indentation precracking,
removing crack loading history effects. As confirmed
by X-ray diffraction, such heat treatment did not pro-
duce further microstructural changes.

R-curve assessments were conducted using the so-
called “dummy indentation technique” [12]. Such test-
ing procedure requires that several indents are placed
at the surface of the specimen where the tensile stress
is constant under four-point bending (i.e., within the
inner span of the loading fixture). The specimen is then
fractured and the maximum load recorded. This mea-
surement is used in conjunction with the length of sur-
viving indentation cracks to compute the applied stress
intensity factors in each of the cracks. Finally, a plot of
the applied stress intensity factor, K , in terms of crack
growth provides the R-curve of the material.

Square bars of 5 × 5 × 45 mm3 were used in the mea-
surement of the R-curve. The load was applied at a rate
of 200 N/s using a screw-driven mechanical testing ma-
chine. A self-aligning four-point bending fixture having
inner and outer spans of 20 and 40 mm, respectively,
was used in the experiments. The length of surviving
cracks was measured by optical microscopy with a reso-
lution of ±1 µm. The ellipticity of the cracks used in the
computation of K was evaluated from fracture surface
observations [10]. The formulation of the stress inten-
sity factor for semi-elliptical cracks derived in Ref. [13]
was used in the calculation of the crack growth resis-
tance, Kr, for each of the cracks.

Figure 4 R-curves for the as-sintered and heat-treated materials.

TABLE I I R-curve parameters

Material Ko (MPa
√

m) Km (MPa
√

m) δ (µm)

Y-TZP (as-sintered) 3.9 0.3 29
Y-TZP/PSZ (heat-treated 5.0 1.6 19

for 2 hours)
Y-TZP/PSZ (heat-treated 5.8 2.3 29

for 10 hours)

Fig. 4 shows the R-curves measured in all materi-
als. Zirconia ceramics subjected to the heat treatment
to coarsen their microstructure achieved the maximum
crack growth resistance. This is in agreement with the
improved capacity of the Y-TZP/PSZ materials to un-
dergo t–m transformation, Table I. The results of the
parameterization of the R-curve according to [14]

Kr = Ko + Km arctg

(
�c

δ

)
(1)

are presented in Table II. In Equation (1), the factor
Ko is introduced to account for the intrinsic fracture
resistance, Kr, of the material prior to crack growth;
Km and δ are material constants; and �c is the growth
of the cracks in the radial direction as measured from
their center.

Evidence of t–m transformation as the active tough-
ening mechanism of the materials is provided in Fig. 5,
where the size of the transformation zone around in-
dentation cracks is clearly detected.

2.3. Fracture strength measurements
Cylindrical bars of 8 mm in diameter were loaded un-
der three-point bending with a total span of 40 mm to
obtain accurate measurements of the fracture strength
distributions. The load was applied at a rate of 200 N/s,
and the maximum (fracture) load recorded. A total of
60 tests were conducted with each of the materials.
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Prior to testing, all specimens were polished with dia-
mond paste to a 0.3-µm finish to reduce the influence of
machine damage on strength distributions. The fact that
the cylindrical specimens do not contain sharp edges as
in the case of square bars is beneficial in ensuring that
the fracture response is a unique consequence of the
flaw population within the specimens.

The loading rate applied is assumed to be sufficiently
high as to disregard the influence of environmentally-
assisted stable crack growth in the strength distribu-
tions. Fracture experiments conducted at a loading rate
two orders of magnitude lower (∼2 N/s) evidenced a de-
crease of the mean fracture strength of only ∼10–15%.
This is a minute difference considering that fracture oc-
curred after ∼ 40 min of loading, instead of the usual
20 s for a loading rate of 200 N/s.

The failure probability, Pf , for every specimen was
computed by ranking the results of fracture strength in
ascending order using the relation

Pf = n

N + 1
, (2)

where n is the number of specimens failing below a
given bending stress, and N is the total number of spec-
imens used in the fracture experiments.

The fracture distributions were assumed to follow
Weibull statistics according to

P = 1 − exp

[
−

(
σf

σo

)m]
, (3)

where σf is the fracture stress of the outer fiber in the
three-point bending bar, and σ◦ and m are material con-
stants which govern the fracture stress distribution. The
values of m and σ◦ for present materials are found from
a linear fit to a plot of ln (ln(1 / (1−Pf )) in terms of ln σf
(where such linear fit becomes evident by solving Equa-
tion (3) for (1 − Pf ) and taking logarithms), see Fig. 6

Figure 5 t–m transformation surrounding a Vickers indent induced with an indentation load of ∼600 N in a Y-TZP/PSZ material.

TABLE I I I Weibull parameters

Material σo (MPa) m

Y-TZP (as-sintered) 1116 14.0
Y-TZP/PSZ (heat-treated for 2 hours) 1058 15.5
Y-TZP/PSZ (heat-treated for 10 hours) 938 17.4

and Table III. It is noticed that m increases slightly for
the Y-TZP/PSZ materials, in agreement with the gen-
eral conception that the development of a rising R-curve
brings about a narrowing in the fracture strength
statistics.

2.4. Fracture surface morphology
The fracture surfaces of the material in the as-sintered
state had a mixed inter- trans-granular character,
Fig. 7a. Fracture surface observations in the Y-TZP/
PSZ materials evidenced an increased tendency of the
tetragonal grains to fracture in a transgranular manner
as their size coarsened with heat-treating time (Fig. 7b
and c). Tetragonal grains fracturing transgranularly
in the Y-TZP/PSZ materials had a rough appearance
which contrasts with the “clean” transgranular failure
of cubic grains (Figs 2 and 8a). Detailed scanning
electron microscopy (SEM) observations showed that
the rough transgranular fracture of tetragonal grains
was associated with the formation of thin strips (bands)
which spreaded across the grains, Fig. 8a. These
bands seem to be originated by transformation twins
which were clearly evidenced by TEM observations in
such large tetragonal grains, Fig. 8b. The fact that an
increased fraction of monoclinic phase was detected
at the fracture surfaces of Y-TZP/PSZ materials
(containing the largest and thus, less stable tetragonal
grains) agrees well with the consideration that the
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Figure 6 Weibull plots for the zirconia ceramics.

aforementioned bands in tetragonal grains are due to
t–m transformation.

The above results for the Y-TZP/PSZ materials con-
trast with fracture surface assessments conducted in the
as-sintered state, where the occurrence of transgranu-
lar fracture in tetragonal grains cannot be associated
with their t–m transformation. In this case, only 5%
of the tetragonal grains transform to the monoclinic
structure despite the percentage of transgranular fea-
tures could reach more than 50% of the total fracture
surface.

Present results suggest the existence of a critical
tetragonal grain size above which transgranular fracture
leads to t–m transformation. For small grain sizes the
stability of the tetragonal phase is large and t–m trans-
formation may not be attained even when fracture
may be predominantly transgranular. As the tetrago-
nal grain size coarsens, transgranular fracture of such
grains inevitably results in t–m transformation. The
high-temperature crack growth results in Ref. 16 indi-
cate that the grain boundary character (e.g. presence of
glassy phases) ultimately controls the fracture morphol-
ogy in Y-TZP. This reference shows that grain bound-
ary decohesion is promoted as temperature increases,
shifting the room temperature transgranular fracture of
a small-grained Y-TZP to a fully intergranular fracture
character at elevated temperatures.

3. Discussion
3.1. Fracture origins and their influence

on fracture strength
Over 40 fracture surfaces from bending tests were
examined by SEM to perform a detailed assessment
of crack-initiating sites in the materials under study.
Fig. 9a and b shows that in the as-sintered state, frac-
ture originates from pores which are located at the spec-
imen surface, close to the point of maximum bending
stress. From the ∼15 fracture surfaces examined for
specimens in the as-sintered condition, only in one case
failure was triggered by a large (sintering) agglomerate

located away from the specimen surface. These results
are consistent with prior observations which indicate
that the pores constitute important failure origins in
Y-TZP [15]. Such crack-initiating pores are remnant
from sintering and their size ranges from 8–15 µm.
Experimental measurements of the size of the pores
were carried out by SEM observations of polished sam-
ples. Fig. 10 presents the size distribution of such pores
for the as-sintered Y-TZP as measured in a total cross-
sectional area of ∼200 mm2 which encompass 5 differ-
ent specimens (in this figure, g(R) gives the probability
that a given pore size is present in a unit volume of mate-
rial in accordance with the derivations presented in the
Appendix). A similar pore size distribution was found
for the Y-TZP/PSZ materials.

The SEM observations at the fracture surfaces of the
as-sintered Y-TZP showed the presence of regions of
“white-contrast” surrounding the pores, where fracture
was predominantly intergranular (see Fig. 9b). The rel-
evance of these regions to the fracture process of the
material is considered next. The intergranular fracture
morphology may indicate the existence of mechani-
cally weak areas, where microcracks nucleate under
external loads. On the other hand, such intergranular
fracture features may be induced by crack nucleation
events around pores upon cooling from sintering tem-
perature. In this regard, complementary observations
of fracture surfaces originated by indentation crack
growth at high temperatures confirmed that the as-
sintered material displayed fully intergranular fracture
features (such transition towards a fully intergranular
morphology at high temperatures from the mixed inter-
trans- granular mode taking place at room temperature
is identical to that previously reported in the Y-TZP
in Ref. [16].) These results may suggest that, upon
cooling from processing, small cracks may nucleate
around the pores by thermal expansion mismatch be-
tween neighboring grains. This consideration is in good
accord with the stress concentration effects which are
induced around free surfaces such as pores due to ther-
mal mismatch [18]. The cracks nucleated under such

3017



thermo-mechanical loading would then grow in frac-
ture experiments conducted at room temperature.

It is important to note that direct experimental results
on crack nucleation events around pores are scarce and
that, to the present, it is not possible to substantiate
a crack nucleation sequence in ceramics. Prior work
indicates that acoustic emission marks the initiation
of fracture events in alumina when loaded at ∼50%
of the fracture strength [17]. It is not possible, how-
ever, to conclude whether these events are due to the
nucleation of microcracks around defects such as pores,
or if acoustic emission is a manifestation of the growth
of pre-existing cracks.

(a)

(b)

Figure 7 Fracture surface morphologies. (a) as-sintered Y-TZP, (b) Y-TZP/PSZ heat-treated for 2 hours, (c) Y-TZP/PSZ heat-treated for 10 hours.
Arrows indicate tetragonal (t) and cubic (c) grains (Continued.)

In the Y-TZP/PSZ materials, failure was not trig-
gered by a single pore but by larger regions located
at the surface of the specimen containing several pores.
Fracture was predominantly intergranular around such
failure origins and their length was ∼40 µm, Fig. 11a
and b. Such length is in agreement with the radius of an
equivalent circumferential crack which would trigger
failure at the mean value of the fracture stress distribu-
tion if the crack growth resistance was taken as the max-
imum fracture toughness of the R-curve (∼7 MPa

√
m).

Raman spectroscopy measurements conducted in the
polished (free) surface of the specimen at the precise lo-
cation where fracture was initiated showed the presence
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(c)

Figure 7 (Continued).

of a significant amount of monoclinic phase. Such large
monoclinic phase content was not detected by any other
measurements encompassing larger regions throughout
the free surface of the specimen.

Present findings indicate that failure micromecha-
nisms in the Y-TZP/PSZ materials are distinctly differ-
ent to those in the as-sintered Y-TZP. In the Y-TZP/PSZ
ceramics, failure seems to be initiated by stress induced
t–m transformation at the free surface which then leads
to microcrack formation and coalescence. Such micro-
crack coalescence produces the large failure origins ob-
served by SEM. The postulated fracture process for the
Y-TZP/PSZ materials contrasts with that taking place
in the as-sintered Y-TZP, where failure is the result of
crack propagation around a single pore.

It is usually considered that the size of failure ori-
gins and the rising R-curve behavior which results from
the development of toughening mechanisms dictate the
fracture strength distributions in ceramics. Upon the
development of toughening mechanisms, the unstable
growth of pre-existing defects is shifted to larger values
of the applied K , thus increasing the fracture resis-
tance of the material. Present results seem to indicate
that as the size of failure origins increases with the ad-
vent of transformation toughening mechanisms in the
Y-TZP/PSZ materials, the fracture strength may un-
dergo a modest decrease with heat-treating time, Fig. 6.

While the above interplay between the R-curve and
the size of failure origins may well explain the fact that
fracture stresses have a certain tendency to decrease
upon the development of toughening mechanisms, al-
ternative fracture mechanisms can be postulated to ac-
count for such strength reduction. In this regard, it is
noted that clusters of cubic grains were also identified
as failure origins in the Y-TZP/PSZs, Fig. 11c. The size
of these clusters (∼30 µm) was also much larger than

the size of the crack-nucleating pores (∼10 µm) in the
as-sintered Y-TZP specimens.

3.2. Fracture model
The fracture stress distribution of the as-sintered Y-TZP
is studied in this section by recourse to a simplified frac-
ture model. Such fracture model is advocated as a tool
for the prediction of the stress distribution in polycrys-
talline materials where the fracture process involves
crack nucleation and growth around a single pore. The
development of a fracture model for the Y-TZP/PSZ
materials is not attempted here as it would inevitably re-
quire the consideration of more complicated failure mi-
cromechanisms involving t–m transformation and mi-
crocrack coalescence around multiple pores.

The following are the assumptions made in the for-
mulation of the model:

• Circumferential cracks originate from pores and
their propagation under external loads controls the
fracture strength of the material [19]. Directing at-
tention to Fig. 12, the initial crack length, c, is
assumed to remain constant throughout the entire
pore population. Such crack length is an important
variable as, upon load application, it sets the value
of the applied stress intensity factor around each
pore.

• The tangency between the R-curve and the applied
stress intensity factor defines the stress level and
crack extension triggering unstable fracture [1].
Thus, unstable fracture will occur when the ap-
plied stress intensity factor (Ka) is larger than
the R-curve (Kr). Various studies are available
on the stress intensity factor for a circumferential
crack emanating from an embedded spherical pore
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Figure 8 (a) Detail of the bands present in tetragonal grains fracturing transgranularly; (b) t–m transformation twins as evidenced by TEM (see arrow).

[17, 19, 20]. For simplicity, the relation between
the “normalized stress intensity factor” and c/R in
Fig. 4 of Ref. [17] is fitted to the following equation

Ka = f (c/R) σf
√

πc, f (c/R) = b + s × (c/R)

1 + q × (c/R)
(4)

where σf is the fracture stress, b = 2.51, s = 2.34
and q = 3.87.

• It is assumed that strength-controlling cracks
emerge from pores prior to the application of loads.
It is also considered that a transformation zone is
not present around such cracks as it develops grad-
ually during crack growth under the applied loads.
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Figure 9 Failure origin in a bending bar in the as-sintered state. (a) Arrow marks failure initiation, (b) detail of the region marked by the arrow in
(a) where a strength-controlling pore is surrounded by a “white-contrast” (intergranular) region.

This simplifies the fracture model because the as-
sessment of crack growth with a preformed trans-
formation zone would depend on the loading se-
quence that was applied during the early growth
of the crack (i.e., crack loading history). Present
assumptions are consistent with the hypothesis
of crack nucleation processes which are induced
by thermal mismatch upon cooling from sintering
temperature (see Section 3.1). As such crack nucle-
ation is assumed to occur at elevated temperatures
where transformation toughening is not active, a

transformation zone would not be present around
the cracks. (It is emphasized, however, that since
the R-curve of the Y-TZP under study is relatively
steep during the first few microns of crack growth,
the intersection between Ka and Kr would not be
significantly affected in the event that a transforma-
tion zone is fully developed prior to the application
of external loads. Thus, computations with a pre-
formed transformation zone, where in the limiting
case the fracture resistance of the material is as-
sumed to be identical to the maximum toughness of
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Figure 10 Distribution function, g(R), for the as-sintered Y-TZP.

the R-curve, would only shift the fracture strength
distribution to higher stresses by a factor of less
than 10%.)

The derivations presented in the Appendix enable
the calculation of the failure probability for a given
pore size distribution function, g(R). As indicated in
the aforementioned assumptions, the tangency condi-
tion (Ka = Kr) yields the fracture strength for any given
pore size in g(R) once the value of the normalized
crack length, c/R, is known. Thus, in order to com-
pute the fracture strength distribution in the as-sintered
Y-TZP, the value of c/R was calibrated by establish-

Figure 11 Failure origins in heat-treated specimens. (a) Arrows delimit failure origin. (b) Detail of the region marked in (a). (c) Clusters of cubic
grains triggering failure in a different specimen (Continued.)

ing from SEM observations the size and location of
the pores leading to failure in three different speci-
mens. As the fracture load was recorded for each of
the specimens, it becomes possible to compute the ac-
tual stress level at which each of the pores was sub-
jected, and to estimate the effective value of c so that
fracture is triggered when Ka intercepts the R-curve
of the material, Kr. By fitting the R-curve to Equa-
tion 1, such calculation leads to initial crack lengths,
c, between 0.9 and 1 µm for the three pores under
examination.

From the pore size distribution function for the as-
sintered Y-TZP in Fig. 10 and by taking c = 0.95 µm,
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Figure 11 (Continued).

the fracture stress distribution can be computed for a
unit volume of material (V/Vo = 1), see Fig. 6. This
computation is performed by estimating the failure
probability for each pore in the distribution (by numeri-
cal integration of Equation (A5)) and its associated fail-
ure stress so that Ka = Kr. Thus, a value of m = 13.5
is found by plotting the computed failure strength dis-
tribution in terms of Weibull statistics (Fig. 6).

It is found that the estimated value of m for the as-
sintered Y-TZP is quite similar to that measured ex-
perimentally (see Table III). It is noticed that in such
estimation, the influence of c/R on m is relatively mild
as the normalized crack length mostly affects the scal-

ing strength, σo, of the distribution. Obviously, present
model does not allow to perform a computation of σo
as this factor depends on the volume of material which
is subjected to tensile loads (V/Vo). Thus, σo varies
depending on the specimen size, its shape and loading
conditions (bending, tensile, and the like). In this sense,
it is emphasized that if the volume of the hypothetic
specimens containing a representative number of pores,
Vo, was taken so that V/Vo = 150 (see the Appendix),
the computed fracture distribution would match that
measured experimentally under three-point bending
conditions. Such value of V/Vo confirms the obser-
vations in Ref. [21] where, by using a similar fracture
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Figure 12 Schematic of a pore surrounded by a circumferential crack and the associated nomenclature.

model, it is indicated that Vo may be 100 to 1000 times
smaller than that of actual bending specimens.

The value of V/Vo is anticipated to depend on the
average distance between neighboring pores. An in-
crease in such average separation implies that Vo would
also have to increase in order to accommodate a suf-
ficiently large number of pores (so that their distribu-
tion becomes representative of that present in a large
volume V ). The fact that V/Vo = 150 for the bending
bars implies that as fracture is effectively triggered in
a minute region close the free surface of the bar, Vo
should be a considerably small quantity.

Within the framework of Weibull statistics, the
derivations in Ref. [22] enable quantification of the de-
crease in fracture strength which is anticipated if the ex-
periments were conducted under uniaxial loads rather
than under three-point bending. (Such decrease in frac-
ture strength is the result of the larger volume of ma-
terial which is placed under tensile loads in the case
of uniaxial loading as compared to three-point bending
conditions.) In accordance to Weibull statistics, uniax-
ial loading conditions would shift the entire experimen-
tally measured failure statistics to lower stresses by a
factor of 0.6 while m remains constant [23]. The only
means to find correspondence between the above com-
putations for a unit volume of material and such frac-
ture strength distribution under uniaxial loads would
be to have pore sizes which are much larger that those
usually encountered in polished samples (which imply
the consideration of V/Vo in the order of 105).

4. Summary
The heat treatment of a fully tetragonal zirconia
(Y-TZP) to coarsen its grain size confirms the results of
prior work as grains of up to ∼4 µm are found to pre-
serve their original tetragonal structure upon cooling to
room temperature [5]. The increased capacity of heat-
treated (Y-TZP/PSZ) materials containing such tetrag-
onal grains to undergo a stress-assisted tetragonal-to-
monoclinic (t–m) phase transformation is evidenced by
an increase in the amount of monoclinic phase at the

fracture surface and the development of a more pro-
nounced R-curve behavior. Present results suggest the
existence of a critical grain size above which trans-
granular fracture of tetragonal grains is followed by
their t–m transformation. Below such critical size, t–m
transformation is not attained even when the tetragonal
grains may fracture in a transgranular fashion. The lat-
ter is the case of the as-sintered Y-TZP studied in this
work.

Present results show that failure origins are influ-
enced by microstructural coarsening. In the case of the
as-sintered Y-TZP with finer grains, failure originates
by pores whose average size is of ∼10 µm. There-
fore, a reduction of pore size is expected to bring about
an increase in the fracture strength of this material.
As the grain size coarsens leading to materials with a
mixed Y-TZP/PSZ character, failure is not longer trig-
gered by single pores but by larger defects whose size
ranges from 30–60 µm. These defects seem to be in-
duced by t–m transformation which leads to microc-
rack coalescence around multiple pores. Alternatively,
failure origins in the heat-treated materials may also
involve clusters of cubic grains. From the point of view
of the relationship between the R-curve and fracture
strength, simple fracture mechanics estimations indi-
cate that the increase in the size of the critical defect in
the heat-treated Y-TZP/PSZ materials is compensated
by a rise in their fracture toughness. Consequently, frac-
ture strength distributions in Y-TZP/PSZs are similar to
those in the as-sintered Y-TZP.

A simplified fracture model is used to compute
the fracture strength distribution in the small grained
Y-TZP from a knowledge of its R-curve behavior and
pore size distribution. It is found that the material con-
stant m which dictates the fracture variability accord-
ing to Weibull statistics can be computed from such
fracture model as its value is similar to that measured
experimentally. The scaling strength σo of the Weibull
statistics depends on the volume of material which is
subjected to tensile loading. Thus, its computation from
the fracture model is not direct and requires experimen-
tal calibration.
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Appendix
Consider a unit volume of material, Vo, subjected to
tensile loads with a representative pore size distribution.
In the assumption that fracture is induced by the largest
pore present in the material, the failure probability is
given by

Pf =
∫ ∞

Ri

g(R) dR, (A1)

where g(R) is the distribution function which gives the
probability that any given pore size, Ri, is present in
Vo. In Equation A1, g(R) is taken so that when inte-
grated between 0 and ∞, Pf ≡ 1. Being this the case,
the survival probability, Ps , = (1 – Pf ) is given by

Ps = 1 −
∫ ∞

Ri

g(R) dR (A2)

The survival probability of a generic volume of material
(V ), where V = nVo, is then equal to Pn

s . Consequently,

Ps

∣∣
V =

(
1 −

∫ ∞

Ri

g(R) dR

)V/Vo

. (A3)

By noting that for any number κ, (1 − κ
V/Vo

)V/Vo ∼ e−κ

when V � Vo, it follows that Equation A3 can be
written as

Ps

∣∣
V = exp

(
− V

Vo

∫ ∞

Ri

g(R) dR

)
. (A4)

Thus, the failure probability of a generic volume of
material, V , is given by

Pf

∣∣
V = 1 − exp

(
− V

Vo

∫ ∞

Ri

g(R) dR

)
(A5)
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